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Evolution of Relationships Between Dislocation Microstructures
and Internal Stresses of AISI 316L During Cyclic Loading
at 293 K and 573 K (20 C and 300 C)
MINH-SON PHAM and STUART R. HOLDSWORTH
The evolution of dislocation densities and of dislocation microstructures during cyclic loading
of AISI 316L is systematically evaluated. In addition, internal stresses are also measured for
every cycle and comprehensively analyzed. These observations are made in order to establish
relationships between the evolution of dislocation condition and internal stresses, and ultimately
to obtain a thorough insight into the complex cyclic response of AISI 316L. Moreover, the
dependencies of established relationships on the variation of temperature and strain amplitude
are investigated. The back stresses (long-range stresses associated with the presence of collective
dislocations over diﬀerent length scales) are mainly responsible for the cyclic deformation
response at high strain amplitudes where dislocations tend to move more quickly in a wavy
manner. In contrast, the eﬀective stress, coupling with short-range dislocation interactions,
plays an insigniﬁcant role on the material cyclic response for wavy slip conditions, but
increasingly becomes more important for planar slip conditions. The additionally strong short-
range interactions between dislocations and point defects (initially with solute atoms and later in
life with corduroy structure) at 573 K (300 C) cause dislocations to move in more planar ways,
resulting in a signiﬁcant increase in eﬀective stress, leading to their inﬂuential role on the
material cyclic response.
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I. INTRODUCTION
POLYCRYSTALLINE materials usually exhibit
complex cyclic deformation responses due to their
changing dislocation condition, in particular those
whose dislocations ﬁrst tend to move in a more planar
manner during fatigue loading because the movement
character can change into a more wavy form upon
further loading.[1–4] For example, signiﬁcant changes in
the density and the conﬁguration of dislocations during
fatigue loading are responsible for the complex cyclic
deformation response of AISI 316L, e.g., cyclic harden-
ing, softening in general,[5–8] or even serrated ﬂow stress
and secondary cyclic hardening after a high number of
cycles at elevated temperatures.[9–11] Moreover, changes
in imposed strain amplitude also lead to variations in
dislocation evolution characteristics, resulting in diﬀer-
ent material responses. These cause diﬃculties to under-
stand and ultimately to model the cyclic deformation
response of polycrystalline materials.[12] Since eﬀective
and back stresses, respectively, are associated with the
short-range and long-range order of dislocation inter-
actions,[13–17] the variation of microstructural condition
causes the change in associated internal stresses (i.e.,
eﬀective stress and back stresses). For example, individ-
ual dislocations can interact with themselves and with
point defects thanks to their associated short-range
stress ﬁelds, resulting in a change in the local resistance
to dislocation movement, in particular for face-centered
cubic materials.[18] The change in local resistance to
dislocation movement correlates with the eﬀective stress
(rE) which is responsible for the expansion (or the
contraction) of the yield surface in principal stress
coordinates.[15] In contrast, back stress (X) is associated
with long-range interactions of collective dislocations,
which arise due to inhomogeneous plastic deformation
between microstructural heterogeneities of materials on
diﬀerent scales, e.g., grains, sub-grains, cell blocks, and
families of dislocation walls/channels.[5,18–23] Conse-
quently, investigation of the evolution of the micro-
structural condition and associated internal stresses as
well as their relationships during cyclic loading provides
a thorough understanding of the cyclic deformation
response of metallic materials. There have been a
number of studies concerning the relationship between
internal stresses and dislocation conditions.[13–15,19,24–27]
Most of these concentrate on the links between internal
stresses and well-organized wall/channel dislocation
structures. Interestingly, there is not much information
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concerning the evolution of this relationship which is
essential to develop an eﬀective evolutionary constitu-
tive model in order to accurately simulate the cyclic
deformation response. One of the main objectives of this
present study is to understand the evolution of the
relationship between internal stresses and the corre-
sponding microstructure during cyclic loading.
The material examined in this study is AISI 316L steel
which exhibits a complex cyclic deformation response
which is associated with the development of the dislo-
cation condition during cyclic loading.[6–8,10,11,28–30] In
addition, this material is widely used in engineering, for
example, in the pipe-cooling circuits of light-water
nuclear power plants for which the working temperature
is about 573 K (300 C). Understanding the cyclic
deformation behavior of the material under such con-
ditions is essential to verify the safety factors applied to
the material in service duty. Most previous studies
concerning the cyclic deformation response of this
material concentrated on the microstructural condition
either after a high number of cycles or at failure.[6–
8,10,11,28–30] In general, if a well-annealed austenitic
stainless steel is cyclically strained at low plastic strain
amplitudes, the dislocation structure is present in the
form of planar arrangements (associated with stacking
faults, pile-ups, etc.) until failure, which is almost similar
to the initial condition, except the dislocation density is
higher at the end of life. At intermediate plastic strain
amplitudes, persistent slip bands and veins coexisting
with dislocation-free regions (i.e., channels) are ob-
served at failure. At high plastic strain amplitudes, well-
organized structures, namely, wall/channel or cellular
structures, are observed at failure. Our recent studies on
this topic provide a detailed description of microstruc-
tural evolution during diﬀerent cyclic deformation
response stages and lead to a deeper insight into the
relationship between microstructural condition and
material deformation/damage responses.[5,9,12,31,32] In
order to obtain a thorough understanding of how the
material behaves during cyclic deformation as well as to
provide a basis for the further development of an
eﬀective constitutive model for accurately describing the
material cyclic response, it is necessary to establish the
links between internal stresses and the development of
microstructures. This study therefore aims to under-
stand the evolution of this relationship at both 293 K
and 573 K (20 C and 300 C) by exhaustively examin-
ing the evolution of microstructural features and eval-
uating internal stresses of AISI 316L during cyclic
loading at these temperatures. The amplitude and slip-
character dependencies of the relationships are also
examined. In this study, systematic observations and
quantiﬁcations of the microstructural condition in
samples fatigued to selected numbers of cycles in the
diﬀerent stages of cyclic mechanical response over a
range of strain amplitudes at 293 K and 573 K (20 C
and 300 C) are made in order to quantify dislocation
densities and the dimensions of dislocation microstruc-
tures. In addition, the changes in internal stresses during
cyclic loading are measured from hysteresis loops
according to the method of Cottrell.[18,23] The evolution
of internal stresses is analyzed and then related to the
dislocation condition. Thereby, the history and ampli-
tude dependence of the roles of internal stresses on the
material mechanical response at 293 K and 573 K
(20 C and 300 C) are revealed. Finally, the detailed
relationships between microstructural condition and the
material deformation response are established and
discussed.
II. EXPERIMENTAL PROCEDURES
The composition of the studiedAISI 316L steel is shown
in Table I. The material originated from a hot-ﬁnished
pipe which had been quenched in water from 1323 K to
1353 K (1050 C to 1080 C). The inner and outer
diameters of the pipe were 173 and 220 mm, respectively.
Cylindrical test pieces, with a parallel length of
20 mm, a gage diameter of 8 mm, and with threaded
M16 end grips, were machined from the pipe with an
axial orientation, in accordance with the requirement of
ISO 12106. The test pieces were fatigue loaded with
constant total strain amplitudes of ±0.7, ±0.4, and
±0.25 pct, at a strain rate of 103 1/s, and at 293 K and
573 K (20 C and 300 C) using a servo-controlled
electromechanical 50-kN machine. A Class-0.5 side-
entry contacting extensometer with a gage length of
15 mm was attached to the test piece parallel length to
control and measure strain during cyclic loading.
Recorded data were analyzed byMatlab-based subrou-
tines. For every cycle, the subroutines determined the
following: eﬀective stress, back stress, maximum stress,
and the rate of change of these stresses at diﬀerent stages of
mechanical response (Figures 1(a) and (b)). In this study,
the approach for determining eﬀective stress and back
stress was adopted from the method of Cottrell.[18,23]
Figure 1 shows a scheme for the quantitativemeasurement
of such parameters from a stress–strain hysteresis loop. r0
was measured as the oﬀset yield strength corresponding to
a plastic strain of 0.05 pct. Although this deﬁnition of r0
took a small account of back stress, this oﬀset strength was
used inorder tomakeanon-subjective indicationof change
of eﬀective stress, in particular for low strain amplitude
conditions. This helped to quantify the rate of change of
this internal stress with high conﬁdence. The cyclic
deformation response rates were determined as slopes of
the most linear parts during the diﬀerent rmax(log N)
response stages. Positive rate values represented cyclic
hardening response, whereas negative values represented
cyclic softening response.
Tested specimens were sectioned parallel to the
loading axis using a diamond cutting machine in order
to prepare samples for microstructural observation. The
samples were mechanically polished to produce thin
plates of 0.1 mm thickness which were then punched out
to produce disks having a diameter of 3 mm. These were
marked to indicate the loading direction (LD). The disks
were then electrolytically polished using a double jet
device (TenuPol5) with an electrolyte solution of acetic
acid and perchloric acid to provide specimens for TEM
investigation. Thereafter, samples were observed in a
Philips CM30 transmission electron microscope at
300 kV with a double tilt holder. The mark of the LD
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was aligned along the holder axis in order to preserve
the LD during observations.
Dislocation density was measured from TEM images
using a point intersection method which is explained in
detail elsewhere.[5] Diﬀerent dislocation features repre-
senting the microstructural condition during cyclic
loading were measured as described in Figure 2. During
the ﬁrst cycles, dislocations usually pile up against grain
boundaries, whereas the number of dislocations within
grain interiors is much lower.[20,33] In this study,
dislocations in regions close to grain boundaries are
named boundary dislocations (qb), while ones present
within the grains are referred to as interior dislocations
(qI) (Figures 2(a) and (b)). This gradient in dislocation
distribution (explained in detail later in the paper) is due
to the requirement to accommodate plastic strain
incompatibilities between grains during plastic defor-
mation. This indicates that dislocations close to grain
boundaries at an early stage of cyclic plastic deforma-
tion are mainly of the ‘‘necessary’’ type. It is therefore
important to diﬀerentiate and quantify the evolution of
two kinds of dislocation populations. The changes in
density of these two dislocation groups are quantiﬁed in
an attempt to reveal their individual contributions to
material response. The areas occupied by boundary
dislocations were experimentally found during TEM
observation to be about 10 pct (with the corresponding
width of these regions at grain boundaries approxi-
mately varying between 3 and 5 lm). Once dislocation
structures formed, the dislocation density within chan-
nels and the dimensions of dislocation walls were
quantiﬁed (Figure 2(c)). There were three thin foils
examined for each tested condition. The quantiﬁcation
of dislocation features was done for several grains for
Table I. Material Composition
C (Pct) Mn (Pct) P (Pct) S (Pct) Cr (Pct) Mo (Pct) Ni (Pct) Cu (Pct) B (Pct) Co (Pct) N (Pct)
0.014 1.630 0.030 0.002 16.730 2.120 11.090 0.600 0.0011 0.090 0.060
-0.8 -0.6 -0.4 -0.2 0 0.2 0.4 0.6 0.8
-300
-200
-100
0
100
200
300
Strain (%)
St
re
ss
 (M
Pa
)
2σE
σ
0
max
X2Et
*
σ
o
101 102 103 104
0
50
100
150
200
250
300
350
St
re
ss
 (M
Pa
)
Number of cycle
dσ
max
 / d(logN)
dσE / d(logN)
dX / d(logN)
(a)  (b)
Maximum stress
Back stress
Effective stress
Fig. 1—(a) Scheme for quantitative measurement of eﬀective and back stresses (r0 is the oﬀset yield strength corresponding to a plastic strain of
0.05 pct). (b) Representation of the ﬁtting procedure to measure the rates of change of cyclic hardening/softening.
Fig. 2—Scheme of the quantitative measurement of dislocation densities in regions: (a) close to grain boundaries (which are hereafter called
boundary dislocations), (b) inside grains (which are called interior dislocations). (c) Parameters for representing dislocation walls and channels.
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each TEM foil (about ﬁve images were made for
dislocation density measurement). The dislocation den-
sity was determined from TEM images under multi-
beam diﬀraction conditions with magniﬁcations as low
as possible (normally at magniﬁcations from 33009 to
60009) to increase the statistical signiﬁcance. Relative
comparisons of dislocation microstructures were always
made for the same electron-beam direction. Dislocation
structure evolution for speciﬁc testing conditions was
determined by examining samples obtained from an as-
received (solution treated) specimen and from test pieces
pre-fatigued to selected cycles corresponding to diﬀerent
stages of fatigue life (e.g., Figure 3(a)). Since there was
only a slight increase in the dislocation density with
increasing cycle number for the ±0.25 pct condition, in
particular, considering the scatter in observed disloca-
tion densities, measurements were not made for this
condition.
III. EXPERIMENTAL RESULTS
A. Cyclic Deformation Behavior
1. General
The material exhibits a complex behavior during
cyclic loading at both temperatures: ﬁrstly cyclic hard-
ening, followed by cyclic softening, and ﬁnally by an
almost stabilized response phase [for all tests at 293 K
(20 C) and ±0.7 pct at 573 K (300 C)] or secondary
hardening [for ±0.25 and ±0.4 pct tests at 573 K
(300 C)] before failure. The main diﬀerences in the
cyclic deformation response of the material at 573 K
(300 C) compared to that at 293 K (20 C) are as
follows: ﬁrstly, ﬂow stress is serrated at 573 K (300 C),
but not at 293 K (20 C); secondly, the strain rate
sensitivity of cyclic deformation response is positive at
293 K (20 C), but negative at 573 K (300 C); thirdly,
the hardening rate of the ﬁrst cyclic hardening phase is
higher than that at room temperature; and fourthly,
there is a secondary hardening phase at 573 K (300 C)
which occurs for lower strain amplitude conditions (i.e.,
±0.4 and ±0.25 pct).[5,9,12,16,17,31,32]
2. Evolution of Internal Stresses at 293 K and 573 K
(20 C and 300 C)
The evolution of eﬀective and back stresses during
cyclic loading is shown in Figure 3. Values of the
eﬀective stress after the ﬁrst three quarter cycle are quite
similar for the same temperature irrespective of the
strain amplitude, while they are very diﬀerent for
diﬀerent temperatures (Figure 3a). This means that the
eﬀective stress is strongly dependent on temperature.
However, the temperature dependence of the back stress
is much lower. This is due to the short-range interaction
of dislocations being strongly inﬂuenced by thermal
activation, while the temperature does not play an
inﬂuential role on the long-range interaction of disloca-
tions.[34] The rates of change of maximum stress, back
stress, and eﬀective stress are used to quantitatively
characterize the evolution of internal stresses, which are
given in Table II. The rates of change of back stress
during the primary cyclic hardening and softening
response stages are much greater than those of eﬀective
stress, indicating that the variation in back stress is
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Fig. 3—Eﬀective stress and back stress variations during cyclic loading at 293 K (20 C) (non-marked lines) and at 573 K (300 C) (marked
lines). (Note: the back stress for the ±0.7 pct–103 s1–293 K (20 C) test after 2000 cycles seemingly exhibits secondary cyclic hardening behav-
ior. However, this eﬀect is probably not due to the material deformation response since there is already an obvious inﬂuence of the presence of
fatigue cracks on the deformation response after 2000 cycles.[16,32] This eﬀect is also observed for other testing conditions, which is coincident
with the start of a signiﬁcant divergence of apparent E moduli during reverse loading from compressive and tensile peak stresses.[31,32]).
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mainly responsible for changes in the cyclic deformation
response of the material.
Moreover, the rates of change of eﬀective and back
stresses are both higher for 573 K (300 C) (Figure 3
and Table II). Diﬀerences in relative ratios for the rates
of change of eﬀective stress between 293 K and 573 K
(20 C and 300 C) are, however, much higher than
those of back stress (Table II). This indicates that the
diﬀerences in cyclic deformation responses for the
material at 293 K and 573 K (20 C and 300 C) largely
result from changes in eﬀective stress. In particular, the
rate of change of eﬀective stress is interestingly much
larger than that of back stress during secondary cyclic
hardening at 573 K (300 C) (Table II). In other words,
secondary cyclic hardening at 573 K (300 C) is mainly
governed by the eﬀective stress.
3. Amplitude dependence of the role of internal stresses
The relative ratios of eﬀective stress (or back stress) to
maximum stress are given in Table III in order to indicate
how internal stresses inﬂuence the cyclic deformation
response when strain amplitude changes. Lowering
imposed plastic strain amplitude; the relative ratio
increases for eﬀective stress, while decreasing for the
back stress. This indicates that the contribution of
eﬀective stress to the material cyclic response increasingly
becomes greater for lower strain amplitudes. In contrast,
back stress becomes less inﬂuential on cyclic deformation
response for lower strain amplitude conditions.
B. Microstructure
1. Microstructural evolution during cyclic loading
at 293 K (20 C)
a. Cyclic hardening response stage. In the as-received
condition, dislocations are mainly present in the form of
planar structures, e.g., regular arrays of dislocations,
stacking faults, etc. At the beginning of cyclic loading,
grain-to-grain misorientations inducing plastic strain
incompatibilities between grains result in a signiﬁcant
increase in the number of dislocations close to the
grain boundaries to preserve the continuity of material
(Figures 4(a) and (b)). This means that to accommodate
inhomogeneously distributed plastic deformation from
grain to grain, numerous dislocations necessarily need to
Table II. The Rates of Change of Maximum Stress, Back Stress, and Eﬀective Stress During Cyclic Hardening and Cyclic Soft-
ening
Conditions
drmax
dðlogNÞ
dX
dðlogNÞ

 drE
dðlogNÞ
Cyclic Hardening Cyclic Softening Secondary Cyclic Hardening
±0.7 pct
103 s1
293 K (20 C)
60:12:5
54:52:4j3:72:3
20:40:4
19:34:1j1:44:1 not applicable
±0.7 pct
103 s1
573 K (300 C)
107:61:5
89:15:1j13:74:7
40:40:2
26:20:9j13:90:8
±0.4 pct
103 s1
293 K (20 C)
31:30:6
25:42:3j4:82:0
19:90:1
14:00:4j6:30:4
±0.4 pct
103 s1
573 K (300 C)
51:40:3
37:41:0j10:71:4
25:00:5
18:01:9j9:81:3
4:30:8
4:52:5j7:30:8
±0.25 pct
103 s1
293 K (20 C)
9:51:1
8:12:5j2:82:7
12:00:2
6:40:9j6:10:9 not applicable
±0.25 pct
103 s1
573 K (300 C)
22:50:2
16:42:4j5:32:2
8:40:6
5:06:1j4:37:3
16:30:3
4:12:1j13:02:2
Table III. Relative Ratios of the Rate of Change of Eﬀective Stress and of Back Stress to That of Maximum Stress
drp
E
dðlogNÞ
 
drpmax
dðlogNÞ
 
dXp
dðlogNÞ
 
drpmax
dðlogNÞ
 
drsof
E
dðlogNÞ
 
drsofmax
dðlogNÞ
 
dXsof
dðlogNÞ
 
drsofmax
dðlogNÞ
 
drse
E
dðlogNÞ
 
drsemax
dðlogNÞ
 
dXse
dðlogNÞ
 
drsemax
dðlogNÞ
 
±0.7 pct 293 K (20 C) 0.06 0.91 0.07 0.95 not applicable not applicable
±0.7 pct 573 K (300 C) 0.13 0.83 0.07 0.95
±0.4 pct 293 K (20 C) 0.16 0.81 0.32 0.70
±0.4 pct 573 K (300 C) 0.21 0.73 0.39 0.72 1.70 1.05
±0.25 pct 293 K (20 C) 0.28 0.85 0.51 0.53 not applicable not applicable
±0.25 pct 573 K (300 C) 0.24 0.73 0.51 0.60 0.80 0.25
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be generated as explained by Ashby.[20] In contrast,
dislocations inside grains also increase in their number,
but with a lower rate. These observations provide a
motivation to diﬀerentiate and quantify the evolution of
dislocation densities both in regions adjacent to grain
boundaries and inside grains, in order to understand
their relationship with internal stresses during cyclic
loading (refer to Section IV–A–1). The quantiﬁcation of
dislocation densities is given in Figure 4(g). After a
number of cycles, dislocations are distributed more
homogeneously within the grains (Figures 4(c) and (g)).
b. Cyclic softening and stabilized (or secondary cyclic
hardening) response stages. The grain-to-grain plastic
strain incompatibilities are relieved thanks to the activ-
ity of secondary slip (including cross slip) upon further
loading (Figure 4(c)). Secondary slip activity promotes
dislocation interactions, resulting in (1) an increase in
the annihilation rate of dislocations, leading to a slight
decrease in dislocation density, and (2) the rearrange-
ment of dislocations to form lower and more stable
energetic conﬁgurations, i.e., dislocation high/low
density regions (Figures 4(d) through (f) and 5(a)
through (c)). The number of dislocations in low density
regions slightly decreases with the number of cycles
(Figure 4(g)). The width of dislocation high density
regions also decreases during cyclic loading, i.e., dislo-
cations within walls become denser upon further loading
(Figure 4(h)). The dislocation arrangements to disloca-
tion high/low density regions contribute to the further
relief of the grain-to-grain strain incompatibilities. It,
however, raises other strain incompatibilities between
dislocation high/low density regions on a ﬁner scale, i.e.,
at the intragranular scale. Finally, the stabilized condi-
tion of these strain incompatibilities is established upon
further loading once dislocations seek their most stable
conﬁguration for a given testing condition. In the
stabilized condition, both wall dislocations and channel
dislocations attain their saturation value. The channel
dislocations can move back and forth during cyclic
loading in the stabilized stage.
2. Microstructural evolution during cyclic loading
at 573 K (300 C)
There are some similarities in the microstructural
evolution of the material during cyclic loading at 573 K
and 293 K (300 C and 20 C), such as (1) an increase in
dislocation density during the ﬁrst cycles (Figures 6(a),
(b), and 7(a)) and (2) the rearrangement of dislocations
to form dislocation high/low density structures toward
the end of fatigue life (Figures 6(c) through (e)).
There are distinct diﬀerences in dislocation evolution
behavior at these two temperatures:
(a) The incidence of point defects at 573 K (300 C) is
much more profuse than at room temperature
Fig. 4—Dislocation evolution and the corresponding cyclic deformation behavior of AISI 316L steel for the ±0.7 pct–103 s1–293 K (20 C)
test. (a) through (f) the development of dislocations from planar to cellular structures.
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(Figure 8(a)). These point defects are mainly of the
vacancy type because there is a preponderance of
vacancy-type dipoles[35] and probably also because
of the lower energy of formation for vacancies
than for interstitials.[36] Vacancies promote the dif-
fusion of solute atoms (C and N), leading to the
formation of solute atom atmospheres around dis-
location cores which can restrict the movement of
dislocations.[18,37] This results in more zigzag dislo-
cation lines (Figures 6(f) and 8(b)).
(b) Higher numbers of dislocations are generated dur-
ing cyclic hardening (Figure 7(a)) and a smaller
wall spacing exists toward the end of life at 573 K
(300 C) (Figure 7(b)).
(c) A striking feature observed at 573 K (300 C) is a
corduroy structure {which is often found within
localized deformation bands of well-aligned tiny
point defects along certain orientations [Figures
8(c) and (d)]}. This feature is not only seen in irra-
diated materials[38] but was also observed in the
same material cyclically loaded in vacuum without
any irradiation damage by Gerland.[11,39] The gen-
eration of corduroy structure in laboratory air was
observed for the ﬁrst time by the authors of this
present study.[9] This microstructure is believed to
be responsible for the secondary cyclic hardening
of AISI 316L during cyclic loading in the dynamic
strain aging regime.[9,11]
Fig. 5—Microstructural condition at the end of life with reducing strain amplitude. (a) Well-organized dislocation walls for the ±0.7 pct–
103 s1-293 K (20 C) test. (b) Less well-organized dislocation walls for the ±0.4 pct–103 s1–293 K (20 C) test. (c) Dislocation carpet-like
structure for the ±0.25 pct–103 s1–293 K (20 C) test.
Fig. 6—(a) through (f) Dislocation evolution and its corresponding cyclic deformation behavior in AISI 316L steel at ±0.7 pct–103 s1–573 K.
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3. Amplitude dependence
During cyclic hardening response, dislocations are
less dense for lower strain amplitude tests (e.g., Fig-
ure 9), resulting in smaller rates of primary cyclic
hardening (Table II).
The conﬁguration of dislocation high/low density
regions is strongly dependent on imposed plastic strain.
Toward the end of life, dislocation conﬁguration exhib-
its a stronger tendency to planar character and is less
well organized for lower strain amplitude conditions
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Fig. 7—(a) Interior dislocation densities and (b) dislocation wall spacing for the ±0.7 pct conditions at 293 K and 573 K (20 C and 300 C).
Fig. 8—(a) The presence of profuse vacancies which are mainly present within localized deformation bands. (b) Dislocations are pinned by solute
atoms. (c, d) Localized deformation bands within which there is a corduroy structure.
METALLURGICAL AND MATERIALS TRANSACTIONS A VOLUME 45A, FEBRUARY 2014—745
(Figure 5). The degree of dislocation conﬁguration
organization can be quantitatively characterized by the
wall-to-wall spacing and wall thickness for the ±0.4 and
±0.7 pct conditions (Figure 10). This clearly shows that
for lower strain amplitudes, (1) dislocation walls are
further apart and (2) dislocation wall thickness is wider
and wall dislocation density is lower.
IV. DISCUSSION
A. History Dependence of the Relationship Between
Back Stress and Dislocation Microstructure
1. Cyclic hardening response stage
Due to inhomogeneous plastic deformation between
grains (Figure 11(a)), dislocation densities close to grain
boundaries are signiﬁcantly higher (Figure 4(g)) in order
to preserve grain-to-grain continuity.[20,40] These dislo-
cations are often referred to as geometrically necessary
dislocations (GNDs), although the term is not restricted
only to those dislocations necessary to accommodate the
geometrical change of features subjected to plastic
deformation.[20,22] Such dislocations are present in
the form of pile-ups adjacent to grain boundaries
(Figures 4(b) and 11(b)) and are associated with inter-
granular back stress (Xinter). A signiﬁcant increase in the
density of these dislocations (qb) results in a rapid rise in
this back stress. During plastic deformation, the interior
dislocation density (qI) also increases, but at a slower
rate (Figure 4(g)), reducing the gradient of dislocation
density between regions close to grain boundaries and
regions inside grains, i.e., lessening the grain-to-grain
strain incompatibility. Moreover, secondary slip activity
on the one hand relieves the grain-to-grain plastic strain
incompatibility and on the other hand results in the
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abundance of interior dislocations, leading to a more
homogeneous distribution of dislocations over grains
(Figures 4(c) and 11(c)). Consequently, Xinter is propor-
tional to the diﬀerence in the development of boundary
dislocations and interior dislocations during primary
cyclic hardening, i.e.,
2Xinter / fb ﬃﬃﬃﬃﬃqb
p  ﬃﬃﬃﬃqI
p  ½1
with fb being a proportionality coeﬃcient which is found
to intimately relate to the area fraction occupied by
boundary dislocations.[12]
Diﬀerent types of dislocation groups (which are
present due to inhomogeneous plastic deformation
between phases of diﬀerent strength levels) can be
related to corresponding internal stresses by means of
the Taylor relationship.[14,41,42] In other words, a given
internal stress (ri) can then relate to a speciﬁc type of
dislocation (qi) by the Taylor-like relationship:
ri ¼MaGb ﬃﬃﬃﬃqi
p
; ½2
where M is the average Taylor factor.
2. Cyclic softening and stabilized response stages
Once interior dislocations become abundant and
occupy a much larger area fraction than boundary
dislocations, dislocations strongly rearrange to form
dislocation high/low density regions and ﬁnally to form
their most stable conﬁguration under a given condition.
In addition, the slip activity and the rearrangement of
dislocations also contribute to the process of grain
fragmentation to a greater extent (Figure 11(e)). Grain
fragmentation and the formation of dislocation high/
low density regions have two eﬀects:
(a) They contribute to relief of the intergranular back
stress Xinter until the requirement of material conti-
nuity between grains is completely fulfilled by
the response of collective fragmented volumes
(Figure 11(e)). This indicates that Xinter achieves its
stable value after a high number of cycles once dis-
location structures are well formed. At this condi-
tion, Xinter is associated with dislocations of GND
type [named stabilized intergranular GNDs
(qsatGNDsinter)]. These GNDs are the minimum
required number of dislocations to accommodate
the grain-to-grain plastic strain incompatibility at
the stabilized condition and are present mainly in
regions close to boundaries of fragmented volumes.
In conjunction with the relationship between Xinter
and dislocation condition during primary cyclic
hardening (Eq. [1]), the evolution of Xinter during
cyclic loading can consequently be expressed by
2Xinter / fb  ð ﬃﬃﬃﬃﬃqb
p  ﬃﬃﬃﬃqI
p Þ þ
ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
qsatGNDsinter
qh i
½3
(b) On a ﬁner scale, i.e., an intragranular scale, the
rearrangement of dislocations creates other strain
incompatibilities between dislocation high/low den-
sity regions,[43] e.g., dislocation walls and channels
Fig. 11—(a) Grain-to-grain plastic strain incompatibilities, (b) dislocation pile-ups close to a grain boundary, (c) strong activity of secondary slip
and a homogeneous distribution of dislocations over a grain, (d) dislocation walls and channels, and (e) the fragmentation of grains into diﬀer-
ent groups of cellular structure in order to accommodate the plastic strain incompatibilities.
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(Figure 11(d)). Consequently, the intragranular
back stress Xinter increases with the development of
these fine dislocation structures until the most sta-
ble structures form. As a result, Xinter evolves with
another type of GND (qGNDs-intra) which is present
in the interface between dislocation high/low den-
sity regions. It is worth noting that the back stress
associated with this type of GND is proportional to
the difference between the square root density of
dislocations within walls (named wall dislocations,
qw) and within channels (called channel dislocations,
qc), and the fraction of walls (fw).
[14,41,44] Therefore,
the intragranular back stress arising due to the for-
mation of dislocation wall/channel structures during
cyclic loading (2Xinter) can be described as follows
according to Mughrabi’s composite model[14]:
2Xintra / ﬃﬃﬃﬃﬃqw
p  ﬃﬃﬃﬃﬃqc
p  fw ½4
Once the stabilized condition of material response is
established, the requirement of material continuity is
totally fulﬁlled both at the intergranular scale and the
intragranular scale (Figure 12). A minimum quantity of
dislocations is required to move back and forth in
dislocation low density regions to accommodate the
imposed plastic strain during cyclic loading.
The strongly intermittent slip manner of dislocation
motion due to the locking eﬀect of solute atom
atmospheres makes the relief of strain incompatibilities
more diﬃcult at 573 K (300 C), causing a more rapid
increase in the intergranular back stress. In addition,
solute atom atmospheres eﬀectively lock dislocations,
resulting in higher numbers of dislocations for cyclic
loading at 573 K (300 C) than for the equivalent
conditions at 293 K (20 C) (Figures 7(a) and 9).
Moreover, the cell dimension depends on total disloca-
tion density.[45,46] This explains why the diameter of
dislocation cells at 573 K (300 C) is smaller than for the
equivalent conditions at 293 K (20 C) as shown in
Figures 7(b) and 10. Although thermal activation lowers
the absolute value of back stress, a faster development
of dislocation microstructures into well-organized con-
ﬁgurations results in a more rapid increase in the
intragranular back stress at 573 K (300 C). Conse-
quently, the rate of change of back stress at 573 K
(300 C) is higher than for the equivalent conditions at
293 K (20 C) (Table II).
B. History Dependence of the Relationship Between
Effective Stress and Dislocation Microstructures
The increase in dislocation density results in more
frequent short-range interactions of dislocations with
themselves and with point defects. In particular, when
secondary slip is strongly active, Lomer–Cottrell, Hirth,
collinear, and coplanar interactions of individual dislo-
cations in FCC materials[33,47–49] result in the formation
of sessile/glissile dislocation junctions (Figure 13), lead-
ing to an increase in eﬀective stress. Since dislocation
junctions form due to the activity of secondary slip
relating to the increase in interior dislocations, the
increment of eﬀective stress (rE
R(d)) due to the interac-
tions between dislocations with themselves is propor-
tional to
ﬃﬃﬃﬃ
qI
p
; i.e., rR ðdÞE /
ﬃﬃﬃﬃ
qI
p
:
The strong short-range dislocation interaction with
solute atoms, and later in life with corduroy structure,
however, induces a signiﬁcant increase in eﬀective stress
(Table II), causing the more noticeable primary cyclic
hardening and in particular the secondary cyclic hard-
ening response. The short-range dislocation interaction
with solute atoms leads ﬁrst to the formation of Suzuki
atmospheres in faulted areas of partial dislocations and
relatively later in life to the formation of short-range
ordered Snoek atmospheres.[9] The signiﬁcant increase
in eﬀective stress during the primary cyclic hardening
response results from the locking eﬀectiveness of Suzuki
atmospheres. Screw dislocations, however, can more
easily escape from solute atom atmospheres under
suﬃcient stress when the activation energy for cross
slip is lowered due to the formation of dislocation
junctions.[50,51] During primary cyclic hardening, a high
number of dislocation junctions form, leading to easier
cross slip of screw dislocations, which strongly weakens
the locking eﬀect of Suzuki atmospheres.[9] Moreover,
the strong activity of cross slip also results in an increase
in the annihilation rate of screw dislocations, ﬁnally
leading to a decrease in the density of these dislocations.
The weakened locking eﬀect of Suzuki atmosphere and
the decrease in screw dislocations during cyclic softening
make the eﬀective stress decrease, in particular for the
±0.7 pct–103 1/s–573 K (300 C) test condition
(Figure 3(a)). This decrease in the eﬀective stress is,
however, not high for lower strain amplitudes at 573 K
(300 C) because it is quickly compensated for by the
development of the corduroy structure (Figure 8(d))
which very eﬀectively locks dislocations.[9] Since the
locking eﬀectiveness of solute atom atmospheres results
in a higher immobile dislocation density during primary
cyclic hardening (Figure 9), the contribution of the strong
interaction between dislocations and solute atoms to the
additional increment of the eﬀective stress can be
accommodated by the following expression,
ﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃﬃ
Cs
Cs;0
 
qI
r
;
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Fig. 12—The evolution of back stresses during cyclic loading for the
±0.7 pct–103 s1–293 K (20 C) test condition.
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where Cs,0 and Cs are the nominal concentration and the
saturation concentration, respectively, of solute atom s
along dislocation lines.[52]
The corduroy structure continuously develops after a
high number of cycles, resulting in considerable increase
in the eﬀective stress. This is mainly responsible for the
secondary cyclic hardening. The secondary cycle hard-
ening phase is observed for both the ±0.25 and ±0.4 pct
conditions. The rates of additional increase in the
eﬀective stress during the beginning of this cyclic
response stage are the same for both loading cases
(Figure 14). The earlier presence of fatigue cracks for
the ±0.4 pct test, however, interferes with the macro-
scopic manifestation of the change in the eﬀective stress.
If fatigue cracks were not formed earlier for the ±0.4 pct
test, the apparent rate of change of eﬀective stress for
this condition would be similar to that of the ±0.25 pct
condition. The model of the evolution of eﬀective stress
associating with the development of the corduroy
structure is therefore made based on the observed
increase in rE(log p) for the ±0.25 pct condition. Fitting
the increment of eﬀective stress with respect to p gives
2rRðcÞE ¼ 9:56flog p log pcg;
where the MacCauley bracket fxg ¼ x if x  0
0 if x<0:

pc is the plastic strain accumulated to form the well-
developed corduroy structure. The accumulated plastic
strain pc is strain amplitude dependent. The lower the
strain amplitude, the earlier the formation of the well-
organized corduroy structure.
C. Strain Amplitude Dependence of the Relationship
Between Microstructure and Internal Stresses
It is important to remember that for lower strain
amplitude conditions, (1) fewer dislocations are gener-
ated (Figure 9), (2) the planar structure of dislocations
persists to a higher life fraction, and (3) less organized
dislocation structures form toward the end of life.
Because smaller imposed plastic strains induce lower
grain-to-grain plastic strain incompatibility, the inter-
granular back stress is correspondingly less for lower
strain amplitudes. Moreover, the quantity of well-
organized dislocation conﬁgurations is less for lower
strain amplitudes toward the end of life (Figure 10), i.e.,
dislocation walls have lower strength with reducing
strain amplitude. Consequently, the intragranular back
stress becomes smaller for lower strain amplitudes.
The decrease in intragranular back stress with reduc-
ing strain amplitude is, however, not only due to the
degree of good organization of dislocation structures
toward the end of fatigue life but also depends on the
character of dislocation conﬁguration. Small imposed
plastic strain results in a slight change in the dislocation
number during cyclic loading, resulting in very mobile
dislocations for well-annealed FCC materials. Disloca-
tions therefore tend to form the lowest energetic
conﬁguration, a structure close to the equilibrium
state,[53,54] which is associated with negligible long-range
stress ﬁelds. In contrast, for high imposed strain
Fig. 13—Short-range dislocation–dislocation interactions. Sessile dislocation junctions (straight segment junctions of dislocations) when the total
dislocation density is about (a) 8 9 1013 1/m2 and (b) 11.8 9 1013 1/m2.
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conditions, dislocations are dense and move in an
intermittent manner (e.g., avalanche motion of disloca-
tions such as PSBs which are active for higher strain
amplitudes, e.g., the ±0.4 and ±0.7 pct conditions), to
form a self-organized dislocation structure (SODS). The
SODS is a non-equilibrium thermodynamic conﬁgura-
tion and is associated with long-range stress ﬁelds.[55,56]
In other words, intragranular back stresses (arising
during plastic deformation for which dislocation move-
ment is prone to be planar and be less intermittent in
character) are much smaller than those of high imposed
strain for which dislocation motion tends to be wavy.
This explains why
(a) At higher strain amplitudes for which well-orga-
nized dislocation walls/channels form, the inﬂuence
of back stress on the cyclic deformation response
far outweighs that of eﬀective stress.
(b) In contrast, at lower strain amplitudes (e.g., ±0.25
pct) for which dislocation structures form with the
lowest energetic configuration, effective stress
becomes more influential in the material cyclic
response.
At 573 K (300 C), dislocations move in a more
planar way. However, dislocation density is higher
(Figure 9), resulting in more well-organized dislocation
structures toward the end of life (Figure 10). Moreover,
the movement of dislocations is very intermittent due to
the locking eﬀect of solute atoms. Consequently, the rate
of increase of intergranular back stress is higher than for
the equivalent conditions at 293 K (20 C).
V. CONCLUDING REMARKS
Eﬀective stress is associated with the short-range
ordering interactions of dislocations with themselves
and with point defects. The activity of secondary slip
results in the formation of dislocation junctions at an
early stage of plastic deformation, leading to the increase
in eﬀective stress. The additional strong short-range
dislocation interactions at 573 K (300 C), initially with
solute atoms, and later in life with corduroy structure,
cause a signiﬁcant increase in eﬀective stress which is
responsible for the more noticeable primary cyclic
hardening and secondary cyclic hardening response.
Back stresses are long-range stresses associated with
the presence of collective dislocations over diﬀerent
length scales. At the grain-to-grain scale, intergranular
back stress increases with the number of dislocation pile-
ups which are present close to grain boundaries to
accommodate the plastic strain incompatibilities be-
tween grains at the beginning of cyclic loading. Upon
further loading, the strong activity of secondary slip
results in higher numbers of dislocations inside grains,
i.e., dislocations are distributed more homogeneously
over grains, relieving the intergranular back stress. In
other words, intergranular back stress relates to diﬀer-
ences in the numbers of dislocations close to
grain boundaries and within the grains. Once interior
dislocations become abundant, dislocations start
strongly rearranging to form dislocation high/low den-
sity regions and seek to form their most stable conﬁg-
uration. This process of rearrangement on the one hand
contributes to further relief of the intergranular back
stress, but on the other hand raises the intragranular back
stress on a smaller scale due to the formation of
dislocation high/low density regions (e.g., walls and
channels). When the stabilized condition of dislocation
microstructures is established, the requirement of mate-
rial continuity is totally fulﬁlled both at the intergranular
and intragranular scales, leading to the saturation values
of these back stresses. For high strain amplitudes where
dislocations tend to move more quickly in a wavy way,
the back stresses are mainly responsible for the change in
cyclic deformation response. In contrast, lower imposed
strain amplitudes encourage eﬀective stress to play a
more important role on cyclic deformation response,
while lessening the inﬂuence of back stresses.
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NOMENCLATURE
AISI American Iron and Steel
Institute (Material Grading
Systems)
Dg, dw, and dc Grain size, dislocation wall
thickness, and dislocation cell
size (i.e., channel width),
respectively
FCC Face-centered cubic
fw Area fraction of dislocation
walls
E, G Elastic modulus, shear
modulus, respectively
GNDs Geometrically necessary
dislocations
LD Loading direction
N Number of cycles
PSBs Persistent slip bands
p and pc Accumulated plastic strain and
the plastic strain accumulated
to form the well-developed
corduroy structure, respectively
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SODS Self-organized dislocation
structure
TEM Transmission electron
microscope
X, Xinter, and Xintra Back stress, intergranular back
stress, and intragranular back
stress, respectively
qt, qb, qI, qw, and qc The densities of total
dislocations, of dislocations
close to grain boundaries, of
dislocation within the grains, of
dislocations within walls, and
of dislocations in channels,
respectively
qGNDs-inter and
qGNDs-intra
Densities of GNDs required to
accommodate the plastic strain
incompatibility between grains
and between dislocation high/
low density regions,
respectively
rmax and r0 Maximum stress of every cycle
and yield stress, respectively
rE, rE
0 , rE
R; rE
R(d),
and rE
R(c)
Eﬀective stress, initial eﬀective
stress, the increment of eﬀective
stress; the increment of eﬀective
stress due to interactions
between dislocations with
themselves, and with a
corduroy structure, respectively
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